Questions Advanced Metallurgy

Chapter 2.2: Reminder Mechanical Properties
- slide 25: Why does solid solution strengthening goes from medium/strong to medium at high T?  And what about the strength of Grain orientation strengthening (both at low and high T) (I guess it is highly dependent on the crystal structure)?
· This table is qualitative. It compares the relative effectiveness of different strengthening mechanisms. It does not imply that the solid-solution contribution in a specific alloy changes from medium/strong to medium when increasing the temperature; rather, it reflects that, in general, particle strengthening is the most effective mechanism and that solid-solution strengthening can provide an additional contribution.
· Grain orientation certainly plays a role at both room temperature and high temperature, but I did not include it in this table because it mainly depends on the processing route rather than on the alloy composition.
- slide 25: It seems weird for me that particle strengthening is not decreased at high T in the table, since i) dislocation climbing becomes possible (slide 24) and ii) the cutting stress depends on T (slide 19) … 
· See my comment above
- slide 18: All the formula of R for the different mechanisms: are they only valid at low T? (except maybe for particle strengthening as it does not decrease at high T according to slide 25)?
· Additivity of different strengthening mechanisms is generally valid at RT and HT, but dislocation and GB strengthening are only efficient for short times at HT (the exact time depends on the alloy and temperature, of course)
- slide 23: For the creep mechanisms at low/medium T, it says cross slipping and climbing, but these are thermally activated... Is it because even at low T they can happen just at a very low probability?
· Low T and high T are meant relative to the melting point of the alloy (homologous temperature T/Tm), not as absolute values. For example, 400°C is high for Al alloys, but 1'300°C is a low temperature for tungsten alloys
- As a metallurgist, how do you define coherent, semi-coherent, incoherent interfaces? (Because we have seen these in other fields and I think definitions may vary).
· The distinction is usually made based on lattice matching, interfacial structure, and strain accommodation between two adjoining phases (e.g. precipitate–matrix interfaces). A coherent interface exists when the crystal lattices of the two phases are continuous across the interface.
· Atomic planes are continuous and match one-to-one across the interface
· Lattice misfit is very small (typically < ~1%)
· Misfit is accommodated elastically → coherent strain field in the matrix
A semi-coherent interface occurs when the lattices match over short distances but misfit is periodically relieved by misfit dislocations.
· Partial lattice matching
· Moderate lattice misfit (~1-5%)
· Elastic strain is relieved locally by a regular array of misfit dislocations
An incoherent interface exists when there is no crystallographic matching between the two phases.
· No continuity of atomic planes across the interface
· Large lattice misfit (> ~5-10%)
· No coherent strain field
- In many exercises throughout the semester, the following logic was used: increased creep resistance by increasing yield strength. It this a general rule true all the time? That an alloy with higher strength than another has better creep resistance? 
· Increasing yield strength is a useful guideline for improving creep resistance when the strengthening mechanism remains active under creep conditions. But creep resistance is not a simple extension of room-temperature strength. Creep is mechanism-controlled (dislocation creep, diffusion creep, grain-boundary sliding), whereas yield strength determined on dislocation movement. The dominant creep mechanisms  are not always governed by the same obstacles that control yield strength.
The rule works well for dislocation-controlled creep (power-law creep) and when the  strengthening mechanisms remain effective at higher temperature (e.g. stable precipitates, solid-solution strengthening with slow diffusivity elements). It breaks down when creep is controlled by diffusion (Nabarro–Herring or Coble creep), when grain-boundary sliding dominates at high homologous temperatures, or when the strengthening mechanisms themselves degrade with time and temperature due to precipitate coarsening, recovery, or recrystallisation.

Chapter 4: Advanced Steels
- slide 9: I tried to define with internet sources primary, secondary, tertiary phases (like for cementite), are the definitions correct?
i) primary = phase that forms alone from the liquid, ii) secondary = forms in the presence of another solid phase (by solid state transformation or invariant reaction), iii) tertiary = precipitates after long time from a solid solution parent phase
· Yes, this is also the definition I use, but it is not used consistently in the literature.
And shouldn’t we technically label all phases with cementite as metastable (since graphite is stable)?
· Yes, strictly speaking, you are absolutely right. Thermodynamically, all cementite-containing phase fields in the Fe-Fe₃C diagram are metastable with respect to graphite; however, the Fe-Fe₃C diagram is used as a metastable equilibrium diagram because cementite formation is kinetically favoured in steels.
- slide 20: It says we can do a tempering heat treatment to partially transform martensite, but in what does it transforms? In ferrite and cementite? 
· In general, martensite transforms into the thermodynamically stable phases of the used steel at the tempering temperature. However, tempering does not mean that martensite suddenly transforms into ferrite and cementite like a eutectoid reaction. During tempering, martensite decomposes by carbon diffusion into a ferritic matrix with carbide precipitates; at sufficiently high tempering temperatures, the stable products are ferrite and cementite. 
- slide 22: About the validity of TTT diagrams, meaning what temperature-time profiles we can study with it (how we can move on the TTT): can we move freely (diagonal, or even upwards, or in a curve) AS LONG AS the transformations (when crossing a transformation line) we go horizontally (except for martensite transformation where we should be vertical)? Or are we more restricted?
· TTT diagrams are strictly valid only for isothermal heat treatments consisting of rapid temperature changes followed by constant-temperature holds; arbitrary diagonal or curved temperature-time paths cannot be interpreted quantitatively.
Also, for TTT diagrams: when we are in the region between start and finish lines, can we do the lever rule to know the % of phases?
· The lever rule cannot be used in a TTT diagram because the diagram describes transformation kinetics rather than equilibrium; the region between start and finish curves corresponds to time-dependent partial transformation governed by nucleation and growth. Sometimes percentages are shown or quoted together with TTT diagrams, but they do not come from a lever rule and are not universal. They represent experimentally determined fractions transformed at given times and temperatures and must not be interpreted using the lever rule, as they are kinetic rather than equilibrium quantities.
- slide 25-26: Nomenclature: if we have the same % for two elements, do we have to put them in alphabetical order?
· Yes, this is a general convention, but I would not deduct any points in the exam if it is not followed.
- slide 42: If I understand well: at low T (below M sigma) at a certain stress we get stress-induced martensite (of type epsilon-martensite), which disappears if we release the stress. And above M sigma, at a certain stress we have strain-induced martensite (of types epsilon, and alpha’-martensite at high strains) that forms because the austenite is plastically deformed, so we would still have the martensite if we then release the stress?
· Yes, exactly. Below Mσ, martensite forms by stress-assisted transformation and is largely reversible upon unloading, whereas between Mσ and Md martensite is strain-induced by plastic deformation of austenite and is therefore retained after the stress is removed.
And I am not sure to understand the scheme: what are the black and red curves? 
· The black curves describe the mechanical yielding behaviour of austenite (by slip or by transformation), while the red curves indicate the stress-temperature conditions for martensite nucleation, distinguishing stress-assisted from strain-induced transformation. The black lines are more important for what I want to explain on this slide. I understand that it might be confusing at first glance, as it mixes two different concepts. I have borrowed it from another lecture and should have made that clear. 
- slide 49: In the 3rd point, it says that we want to suppress carbides, but in the 4th it says to form carbides… so do we want to suppress them or form them? 
· In TRIP/TWIP steels, 0.1-0.6 wt.% C are added to retain a significant amount of metastable austenite at room temperature and for solid solution strengthening after solutionizing and quenching. The austenite is usually supersaturated with C at room temperatureWe do not want to lose C during this step by the formation of carbides. An additional ageing heat treatment can be added to increase the strength of the TRIP/TWIP steels, during which Ti, V or Nb carbides are formed.
- For TRIP steels, we saw that they had great strength due to the dynamic Hall-Petch effect. But for TWIP steels, do they also have great strength, and if yes why? (for TWIP I think we only said that they have outstanding ductility).
· It is not quite that simple. TWIP steels generally exhibit larger fracture elongations than TRIP steels, whereas TRIP steels usually reach a higher ultimate tensile strength. TRIP steels achieve their high strength through strain-induced martensitic transformation (formation of a new phase with different properties) and a dynamic Hall–Petch effect. TWIP steels can also attain high strength through deformation twinning, where twin boundaries act as strong barriers to dislocation motion, leading to high work hardening and excellent ductility. Strength and ductility nevertheless depend strongly on the composition and microstructure of the steels used.
Chapter 5: Nickel-based alloys
- On slide 8: Ta is said to reduce high T oxidation resistance, but on slide 32, it is said to form a protective oxide layer… 
· This is indeed confusing. I have used different sources for preparing these slides and did not check again. I have looked again in the literature. Both statements can be correct, and the apparent contradiction comes from what oxide forms, where it forms, and under which conditions. Although tantalum forms stable oxides, in Al₂O₃-forming Ni-based superalloys it generally reduces oxidation resistance by lowering Al activity and disrupting the formation of a continuous protective Al₂O₃ scale; reports of protective Ta oxides usually refer to different alloy systems or specific oxidation conditions.
- Slide 14: It says that big cuboids are called secondary gamma’ and the small are called tertiary, but in exercise 1, e), it says that big cuboids are called primary gamma’ and the small are called secondary. Which is it?
· This question also relates to your earlier question on primary, secondary, and tertiary phases. According to that definition, the large cuboidal precipitates are secondary γ′ and the smaller ones are tertiary γ′, since both form by solid-state transformations and not from the melt. The answer to Question 2(e) in Exercise 3 is therefore not correct. That said, I have reviewed several papers on Ni-based superalloys and found that the terminology is not used consistently. In some studies, the cuboidal Ni₃Al precipitates are referred to as primary γ′, while in others they are classified as secondary γ′. We will correct this and explain it more clearly in the future.    
- Slide 24: For the seed crystal technology to select one grain, do we also have “Many randomly oriented grains” on the chill plate at the beginning? Or do we just have a single grain growing at all times?
· With seed crystal technology, many grains still nucleate at the chill plate, but only one survives because the seed enforces epitaxial growth. When the melt first contacts the water-cooled chill plate, multiple randomly oriented nuclei form, as in selector technology; this is unavoidable due to the large undercooling. As solidification proceeds upward, only grains that are crystallographically aligned can grow across the seed, while the initially formed random grains are overgrown or blocked. Above the seed, growth is single-crystal and orientation-controlled, and the final component inherits exactly the orientation of the seed (usually ⟨001⟩).
- Since cast alloys that oriented in the <001> direction are better in strength, fatigue and creep resistance than wrought alloys and conventionally casted alloys, why are the latter made? What are their advantages?
· Conventional casting is the cheapest process, so their low price is their main advantage
- From the slides, I understood that in the common Type N case (negative γ’/γ lattice mismatch and aγ > aγ′), γ′ phase rafts and it becomes perpendicular to the applied tensile load. Therefore, the γ channels become especially aligned parallel to the loading direction (I want to know if this is correct). So, this can increase the effective glide path for dislocations in the γ matrix (on {111} planes for examples), because we have channels parallel to the load so more stress in the same direction of the channel and this could allow an easier gliding of dislocations and thereby degrading creep resistance. In contrast, for the Type P case (positive lattice mismatch), γ′ rafts and become parallel to the load, and for the γ channels should be the opposite, I mean in this case the γ channels are aligned perpendicular to the stress direction and thus being less detrimental for creep resistance. At the end, from this thought I would say that type P are less detrimental for creep, is this right?
· In Type N rafting, γ′ rafts form perpendicular to the applied stress, leading to γ channels aligned parallel to the loading direction, which facilitates dislocation motion in the γ matrix and generally degrades creep resistance. In contrast, Type P rafting produces γ channels perpendicular to the stress axis, increasing the resistance to dislocation glide and therefore being less detrimental for creep. However, Type N rafting is more commonly observed because most Ni-based superalloys are designed with a negative γ′/γ lattice mismatch for microstructural stability, i.e. it results from negative lattice mismatch, not because it is good for creep.
Chapter 6: Ti and Mg based alloys
- Slide 18: It says “due to hexagonal lattice, a small grain size is required for decent plastic forming capacities”. I am not sure to understand why. Normally, small grains mean higher strength, which usually means less ductility… 
Is it because here we have fewer slip systems (even at high T) that are activated, so by having lots of grains we increase the probability of having grains with active slip systems oriented with the applied stress to accommodate plastic deformation? (that effect being stronger than the ductility loss that comes with the strength gain from Hall-Petch).
Or is it rather due to “super plasticity” with grain boundary sliding, like mentioned briefly in an exercise?
·  Because hcp metals have limited slip systems, grain refinement improves plastic formability by enhancing strain compatibility between grains, even though it increases strength. A smaller grain size leads to more grains per unit volume, which improves the statistical distribution of crystal orientations so that some grains are always favourably oriented for basal slip. In addition, shorter slip lengths mean that dislocations travel shorter distances, which reduces strain localisation. Grain boundaries also play an important role by helping to accommodate strain mismatches between neighbouring grains, which is particularly important when the number of available slip systems is limited. Finally, in fine-grained Mg and Ti alloys, the stress required to activate non-basal slip systems is reduced, allowing prismatic or pyramidal slip, and sometimes twinning, to occur more uniformly. It is not due to super-plasticity 
- Slide 21: To obtain the bimodal structure: “Deformation and solution heat treatment just below the β-transus temperature”. What is the role of the hot deformation here?
· In α-β Ti alloys, the hot deformation step is essential to create the microstructural conditions that allow a bimodal structure to form during the subsequent heat treatment. Hot deformation in the α+β field refines and redistributes primary α and introduces defects in β (dislocations, sub-boundaries), which promote controlled nucleation of secondary α during solution treatment, enabling the formation of a bimodal microstructure.
- Slide 25: It says that prismatic slip is more dominant than basal slip at room T for alpha Ti, which is contrary to what is said on slide 24 (that basal slip is the easiest), so it is an exception to the general behaviour of hcps?
· Basal slip is the easiest slip system because it has the lowest critical resolved shear stress (CRSS) in many hcp metals. α-Ti is an exception. Because of its c/a ratio (~1.587), which is close to the ideal value, the CRSS for prismatic slip is lower than (or comparable to) basal slip at room temperature.
- Slide 21: In an exercise correction, it is said that the lamellar microstructure had high toughness, and the globular a good balance of strength and ductility. That gave me the idea, can we class lamellar, globular, bimodal by strength, ductility, toughness? What would that give?
· I think it would be possible classify lamellar, globular, and bimodal α+β Ti microstructures by strength, ductility, and toughness. The key is that no microstructure is “best” in all three. Lamellar microstructures exhibit the highest toughness but low ductility, globular microstructures provide high strength and ductility but lower toughness, and bimodal microstructures offer an intermediate compromise between strength, ductility, and toughness.

- Slide 33: You said orally that crack nucleation is easier for lamellar than for globular microstructures, but that the propagation is faster for globular. But what about the bimodal microstructure? Is it in between them for both nucleation and propagation?
· A bimodal α+β Ti microstructure shows intermediate crack nucleation and propagation behaviour, with cracks preferentially nucleating in lamellar regions and being partially deflected by them, leading to behaviour between fully lamellar and fully globular structures.
In lamellar microstructures, crack nucleation is relatively easy because the α/β lamellae and colony boundaries act as preferred stress concentrators and crack initiation sites. However, once a crack has formed, its propagation is comparatively slow, because the lamellar architecture strongly deflects the crack path and promotes crack bridging and tortuosity.
In globular microstructures, crack nucleation is more difficult because there are fewer sharp interfaces and stress concentrators. However, once a crack initiates, propagation is faster, since the crack path is more planar and less frequently deflected.
A bimodal microstructure combines both features: equiaxed primary α grains embedded in a transformed β matrix containing lamellar α. Crack nucleation tends to occur preferentially at the lamellar regions, while the equiaxed primary α grains tend to delay or blunt crack initiation locally. Crack propagation is slowed compared to a fully globular structure because cracks are deflected at lamellar regions, but it is faster than in a fully lamellar microstructure because the equiaxed α regions provide more direct paths for crack advance.
- Slide 33: What do we mean by “dislocation slip length”? Does it refer to the distance between two atoms, or the distance between grains boundaries…? Is it something we can see from the microstructures?
· The dislocation slip length is the characteristic distance a dislocation travels before being stopped by microstructural obstacles such as grain boundaries, interfaces, or particles, and it is therefore a microstructural rather than an atomic length scale. You can estimate it from the average grain size.

Chapter 7: Structural Intermetallics Alloys:
- Slide 11: For the number of valence electrons in the table, how are they counted? Because the numbers given don’t correspond to the number of electrons in the last d and s shells.
· I remember having received this question during the lecture and I thought that I had explained it then. The key is that Hum-Rothery valence electrons are not counted the same way as atomic valence electrons in chemistry. The number of valence electrons e does not correspond to the chemical valence derived from atomic shell filling. Instead, e represents the number of delocalized conduction electrons that participate in the nearly free-electron gas controlling phase stability. For this reason, the d-electrons of transition metals are usually treated as localized and counted as part of the ionic core, while only s and, where relevant, p electrons are included. This simplified electron counting allows the stabilization of Hume-Rothery phases to be correlated with characteristic electron-to-atom ratios (e/a), despite being a phenomenological approximation. 
- Slide 31: On the scheme, was is the name of Tx and Tk temperatures? And how the Tg range was found (it is determined graphically, or we could not know it from the curves)?
· I assume you refer to the chapter on HEAs and BMGs (chapter 8), as slide 31 of chapter 7 is on Iron aluminides.
T_x is the crystallization temperature of the glass upon heating, while T_k is the hypothetical Kauzmann temperature; it is a hypothetical temperature at which the extrapolated entropy (or volume) of the supercooled liquid/glass would intersect that of the crystal. The glass transition occurs over a temperature range because the amount of frozen-in free volume depends on cooling rate, so T_g is history- and measurement-dependent rather than a single fixed temperature. Experimentally, the T_g range is obtained from techniques such as DSC or dilatometry.
- For NiAl, it is written both as an example of AB superlattice (slide 10) and CsCl structure (slide 14), is it a mistake?
· NiAl crystallises in the B2 structure, which is crystallographically identical to the CsCl structure and can also be described as an ordered AB superlattice of bcc. This kind of "multiple naming" is common in intermetallics and often causes confusion, so it is a good question to ask.
Chapter 11: Primary steel metallurgy:
· This is the easiest question to answer :-)
Chapter 12: Primary Al metallurgy:
- Slide 12: Do we need to know which series number correspond to which Al alloys types? 
· The students are expected to know the main alloying elements for the different grades, i.e 1xxx alloys - commercially pure Al, 2xxx alloys – Al-Mg-Cu alloys
